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Tungsten trioxide is a versatile material with widespread applications ranging from electrochromic
and optoelectronic devices to water splitting and catalysis of chemical reactions. For technological
applications, thin films of WO3 are particularly appealing, taking advantage from high surface-to-
volume ratio and tunable physical properties. However, the growth of stoichiometric, crystalline thin
films is challenging because the deposition conditions are very sensitive to the formation of oxygen
vacancies. In this work, we show how background oxygen pressure during pulsed laser deposition
can be used to tune the structural and electronic properties of WO3 thin films. By performing X-ray
diffraction and low-temperature transport measurements, we find changes in WO3 lattice volume
up to 10 %, concomitantly with an insulator-to-metal transition as a function of increased level of
electron doping. We use advanced ab initio calculations to describe in detail the properties of the
oxygen vacancy defect states, and their evolution in terms of excess charge concentration. Our
results depict an intriguing scenario where structural, electronic, optical, and transport properties
of WO3 single-crystal thin films can all be purposely tuned by a suited control of oxygen vacancies
formation during growth.
INTRODUCTION
The tungsten oxide WO3 holds a special place in the fam-
ily of complex oxides, since its perovskite ABO3 crystal
structure has an empty A-site. This characteristic de-
termines an open crystalline structure, which is prone to
host interstitial species which act as dopants for the oth-
erwise insulating material [1–5]. For these reasons WO3
finds wide use in electrochromic, optoelectronic and gas
sensing applications [6–8]. Most works so far focused on
thick films, amorphous layers and nanorods [9, 10]. Only
recently the growth of crystalline thin films has been
demonstrated by means of several techniques such as
sputtering, molecular beam epitaxy and pulsed laser de-
position [11–14]. Because WO3 structure and electronic
properties are very sensitive to oxygen stoichiometry [15–
18], a precise control of oxygen partial pressure during
the growth process is crucial to obtain high quality thin
films.
In this work, we study the effects of oxygen pressure
during pulsed laser deposition of WO3 thin films, and
show how it modifies the material structural and elec-
tronic properties. X-ray diffraction measurements reveal
that heteroepitaxial WO3 thin films are in a tetragonal
phase, where the out-of-plane lattice parameter can be
gradually tuned up to 10 %, changing from 3.7 A˚ mea-
sured in the most stoichiometric compound to 4.1 A˚ in
the most oxygen deficient case. By performing transport
measurement, we find a semiconducting trend charac-
terised by an activated transport regime, with an energy
gap that vanishes for increased level of oxygen vacancies.
These findings are corroborated by ab initio calculations,
showing that oxygen vacancies form in-gap states, effec-
tively donating electron carriers and increasing WO3 lat-
tice volume. Our results show how to obtain WO3 thin
films with high crystal quality and controlled electronic
properties.
FILM GROWTH
To study the effect of background oxygen pressure (pO2)
on WO3 thin films grown by pulsed laser deposition
(PLD), we prepare a series of samples deposited on top of
TiO2-terminated SrTiO3 (001) substrates. We use a laser
fluence of 1 J cm−2, a repetition rate of 1 Hz, a target-to-
sample distance of 55 mm and a fixed deposition duration
of 1000 laser pulses. The growth temperature is 500 ◦C,
while pO2 is varied in the range 5µbar to 100 µbar. The
plasma plume appears more diffused at lower pO2and
more intense at higher pO2(Fig. S1). This is because
the oxygen pressure in the PLD chamber strongly influ-
ences the plume dynamics, enhancing scattering of the
ablated species and thermalisation with the background
gas. As a consequence, their oxidation state and kinetic
energy can be modified, so that the stoichiometry of the
deposited material strongly depends upon pO2 [19, 20].
We monitor the growth in situ by reflection high-energy
electron diffraction (RHEED) and observe clear inten-
sity oscillations (Fig. 1a) when pO2 is between 10 µbar to
60 µbar. The RHEED pattern evolves from three well
defined diffraction points, typical for SrTiO3 single crys-
tals [21], to a series of stripes that indicate bidimensional
film growth. As shown in the photograph of Fig. 1b, the
sample colour is also affected by the oxygen pressure, and
it gradually changes from transparent to dark grey with
lowering pO2 . All the deposited WO3 films have a step-
and-terrace surface morphology with single unit cell steps
(Figs. 1c and 1d). This structure mimics the underlying
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FIG. 1. Growth of WO3 thin films. (a) RHEED intensity
oscillations during film growth at different pO2and (inset) het-
erostructure schematic, initial and final RHEED diffraction
patterns at pO2= 50 µbar. (b) Photograph of the samples, (c)
surface topography by atomic force microscopy with (d) line
profile along the black line and (e) surface roughness calcu-
lated as the root mean square of the topographic signal.
SrTiO3 substrate, indicating uniform growth (Fig. S2).
The samples have very low surface roughness (Fig. 1e)
ranging from 0.15 nm to 0.25 nm, which is comparable to
what we measure in a pristine substrate (0.13 nm). Inter-
estingly, the roughness is minimal at pO2= 50µbar, pres-
sure for which the RHEED oscillations during growth are
more accentuated. This characterisation indicates that
for all pO2 in the explored range the films grow with a
smooth surface morphology.
EXPERIMENTAL CHARACTERISATION
X-ray diffraction
To evaluate the crystal quality of our WO3 thin films,
we perform X-ray diffraction measurements. Figure 2a
shows θ–2θ scans around the sharp (001) and (002)
peaks of the SrTiO3 substrate. The WO3 film grown at
pO2= 100 µbar presents peaks at 2θ = 24
◦ and 49◦, sur-
rounded by neat finite size oscillations that demonstrate
a high crystalline quality. No additional diffraction peaks
are observed, indicating that the thin films are in a sin-
gle crystal phase. For lower pO2 , the peaks and finite
size oscillations gradually shift to lower 2θ angles. At
pO2≤ 20 µbar the finite size oscillations become less de-
fined, concurrently with a broadening of the diffraction
peaks. Such signal degradation is usually determined by
a decreased crystal quality, similarly to what has previ-
ously been observed for highly doped WO3 [22, 23]. We
evaluate the presence of defects in WO3 by measuring
rocking curves around the film (001) peak. In Fig. 2b
we find for all samples a sharp peak with full width at
half maximum between 0.02◦ and 0.03◦, very close to the
value found for the underlying SrTiO3 substrate (0.01
◦).
The sharp rocking curves indicate that the WO3 films
have low mosaicity and present single crystal quality.
Performing reciprocal space maps (Fig. S3) we find that
the in-plane lattice of all films is coherently strained to
the substrate one (aWO3 = aSrTiO3 = 3.905 A˚). By us-
ing Bragg’s law, we extract in Fig. 2c the out of plane
c-axis parameter from the 2θ position of WO3 diffraction
peaks. At pO2= 100 µbar we obtain c = 3.70 A˚. Sam-
ples grown at lower pO2present a larger c-axis param-
eter (Fig. 2c). Because all films are epitaxially locked
in-plane to the substrate lattice, this points to an in-
creased WO3 unit cell volume, a trend compatible with
a higher concentration of oxygen vacancies, as previously
reported for oxygen deficient thin films grown by PLD
[24–28]. For pO2< 40 µbar the c-axis becomes bigger
than aSrTiO3 , signalling a transition from tensile to com-
pressive strain. We note that, concomitantly with this
crossover, the finite size oscillations disappear, suggest-
ing that films grown at pO2< 40 µbar have a lower crystal
quality.
By simulating the finite size fringes of the XRD data
with a kinematic scattering model, we extract in Fig. 2d
the number of unit cells NWO3 forming the thin films.
We find a constant NWO3 = 28 uc for pO2≤ 60 µbar, and
lower values at higher oxygen pressures. Considering that
all films were deposited with the same total number of
laser pulses, we associate the decreased NWO3 with en-
hanced scattering of the plasma plume at higher pres-
sures, which reduces the amount of material deposited
on the substrate. For pO2≤ 20 µbar, the absence of finite
size oscillations makes impossible to determine the num-
ber of unit cells by θ–2θ measurements. We thus perform
X-ray reflectivity measurements (raw data in Fig. S4)
from which we extract the thin film thickness and inter-
face roughness indicated by the crosses in Figs. 2e and 2f.
The total film thickness shows an increasing trend with
lower pressure, which is a combined effect of the c-axis
expansion and decreased plume scattering. In Fig. 2e we
also evaluate the film thickness from the θ–2θ measure-
ments as c ·NWO3 (circles) and find good agreement with
the reflectivity data. Concerning the interface roughness
in Fig. 2f, we find a minimum at pO2= 40µbar, consistent
with the minimum value obtained from the topography
data of Fig. 1e. These measurements show that WO3 c-
axis parameter can be changed up to 10 % by tuning the
oxygen pressure during growth, while preserving the in-
plane match with the substrate lattice and a flat surface.
It is then interesting to study how the film electronic
properties are affected by pO2 , which we investigate by
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FIG. 2. X-ray diffraction characterisation. (a) θ–2θ scans around the (001) and (002) peaks of the SrTiO3 substrate.
The dotted line highlights the position of the WO3 (001) peak. (b) Rocking curves around WO3 (001) peak compared to the
substrate (001) peak (black dashed line). (c) Film c-axis parameter and substrate lattice constant (dashed line), (d) number
of WO3 unit cells extracted by simulating the finite size oscillations with a kinematic scattering model. (e) Film thickness and
(f) interface roughness from reflectivity measurements (crosses) and the θ–2θ data (circles).
low-temperature transport measurements.
Electrical transport
To investigate the effect of oxygen vacancies on WO3
electronic properties, we measure resistivity versus tem-
perature curves on samples grown in different oxygen
pressure conditions. The measurements are performed
in a van der Pauw configuration, and electrical contact
to WO3 is obtained with ultrasonic bonded Al wires. All
the samples show a semiconducting behaviour (Fig. 3a),
with the resistivity monotonously increasing upon low-
ering temperature. The resistivity ρ is calculated using
the film thickness measured by X-ray reflectivity. Lower
pO2results in flatter curves with lower room-temperature
resistivity, as highlighted in Fig. 3b where we report
ρ300K for the different samples. The data shows a sigmoid
trend, with a variation of more than 5 orders of magni-
tude in the studied range. Such trend is comparable to
the one observed for the c-axis parameter in Fig. 2c, sug-
gesting the existence of a direct correlation between the
lattice expansion and the electronic doping. We describe
the transport data using an Arrhenius-type behaviour
σ(T ) =
1
ρ(T )
∝ exp
(
− Ea
kBT
)
, (1)
where Ea is the activation energy for charge transport.
The experimental curves are fit from room temperature
down to 150 K (dashed lines in Fig. 3a), showing good
agreement (fits on a larger temperature range are dis-
cussed in Fig. S5). We extract Ea ∼ 220 meV at the high-
est pO2 , which is about one order of magnitude smaller
than the optical band of 3 eV found in bulk WO3 [15, 29].
This suggests that the observed activated transport arises
from localized states lying inside WO3 band gap, which
formed in a certain amount even at the highest pO2value.
At lower pO2 , the concentration of oxygen vacancies in
the film increases determining a vanishing Ea. Even
though the WO3 films are on the verge of an insulator-to-
metal transition, we measure semiconducting behaviour
even at the highest vacancies concentration. This is dif-
ferent from what observed with other doping mechanism,
where a metallic state was achieved at high doping levels
[3, 15, 18, 30]. Decreased crystal quality and disorder
during low-pressure PLD growth are the most probable
causes for the persistent semiconducting state measured
in our most doped WO3 thin films.
To get indication on the density of the charge carriers,
we perform low temperature magnetotransport measure-
ments. Because most of the samples are highly resistive,
reliable Hall measurements could be obtained only for
samples grown at pO2≤ 20 µbar. In this high-doping con-
ditions, all the samples show similar magnetotransport
data (Fig. S6), from which we extract a carrier density
n3D = 4× 1021 cm−3 and a mobility µ = 0.6 cm V−1 s−1
at 1.5 K, in agreement with previous reports of oxygen-
deficient WO3 materials [17, 18]. The measured electron
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FIG. 3. Resistivity measurements. (a) Four probe resis-
tivity versus temperature curves. The dashed lines are best
fits to the Arrhenius model for activated transport in Eq. (1).
(b) Room temperature resistivity and (c) activation energy
for transport extracted from the fits.
density corresponds to about 0.25 electrons per unit cell,
which would be equivalent to an oxygen vacancy con-
centration of about 4 %, if these are the only source of
electron donors.
AB INITIO CALCULATIONS
To investigate the origin of the observed structural and
transport behaviour of WO3 films, we performed ab
initio calculations by variational pseudo-self-interaction-
corrected (VPSIC) density functional theory (DFT) [31–
34]. To validate our results, we first calculated several
WO3 bulk phases (further details in Fig. S7 and the
Supplemental Material). The growth on SrTiO3 sub-
TABLE I. Ab initio results. Properties from bulk δ-WO3
and for films strained in-plane to the SrTiO3 substrate lattice
with different concentrations of oxygen vacancies in the WO2
planes. The effective mass m∗ is calculated along the planar
Γ−M direction.
Bulk δ-WO3 WO3 WO2.94 WO2.88
O vac. 0 % 0 % 2 % 4 %
c (A˚) 3.75 3.685 3.72 3.73
Eg (eV) 2.71 2.83 - -
m∗ (me) 0.56 0.85 2.41 1.16
strates was simulated using pseudo-cubic supercells, with
in-plane lattice constant fixed at aSrTiO3 = 3.905 A˚ and
the orthogonal axis left free to relax. The calculations
show that the stress associated with the planar expansion
is partially relieved with a shrinkage of the out-of-plane
lattice parameter to c = 3.685 A˚ (Table I). This value
is comparable with the experimental data of WO3 films
grown at the highest oxygen pressure reported in Fig. 2c,
which are thus identified as stoichiometric.
Starting from the strained WO3 structure, we intro-
duce vacancies by removing oxygen atoms in the WO2
crystal planes. We study oxygen vacancy concentra-
tions of 2 % (WO2.94) and 4 % (WO2.88). After a fur-
ther structural relaxation, our calculations find a lattice
increase to c = 3.72 A˚ and c = 3.73 A˚ for the two va-
cancy concentrations. This expansion is in qualitative
agreement with our experimental results of Fig. 2, even
though the calculated values are considerably lower than
what measured for films grown at low pressure. Pre-
vious literature reports show that the lattice expansion
due to oxygen vacancies is maximum when the charge is
fully localised [35, 36]. As discussed in the following, the
structures described by our DFT calculations are in the
metallic regime, and this may partially explain the quan-
titative discrepancy with the experiments. Furthermore,
temperature-related effects, which are not included in our
calculations, could also affect the lattice expansion [37].
In Fig. 4a we show the calculated in-plane band struc-
ture for strained WO3 films with different oxygen vacancy
concentrations (extended plots in Fig. S8). A single oxy-
gen vacancy generates an excess of two electrons. In
the limit of an isolated point defect, this charge remains
trapped by the W atoms surrounding the vacancy, which
change their ionic charge from the stoichiometric W6+
to a lower value, which also gives rise to colour centres
responsible for the photochromic effect [6, 38]. Locali-
sation may eventually be strengthened by the formation
of small polarons [38]. According to our calculations,
the excess charge reverses into the t2g orbitals of the W
atoms, forming a shallow band right below the bottom of
the conduction band (orange band in Fig. 4a). Although
this band is optically separated from the bulk-like t2g
conduction bands running above it, the system for both
the examined doping levels is metallic, as indicated by
the position of the Fermi energy (green dashed lines in
Fig. 4a). The defect state can be visualised in real space
through the isosurface plot of Fig. 4b: the defect charge
is mostly localised on the two W atoms nearest neigh-
bours of the vacancy, with clear t2g symmetry. This is
also seen by the broader bandwidth of the vacancy state
along the diagonal direction X−M, characteristic of t2g
orbitals, instead of the cubic edge direction Γ−X.
In Table I we report the band gaps and effective
masses along the planar Γ−M direction. The vacancy-
free structure shows an insulating state with a direct
gap Eg = 2.83 eV at the Γ point, substantially larger
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FIG. 4. DFT calculations of heteroepitaxial WO3 films with oxygen vacancies. (a) Left panels: in-plane band
structure for WO3 with 0 %, 2 % and 4 % of oxygen vacancies. The calculations are performed using 2x2x4 supercells, with
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function of carrier density (circles) at 1.5 K, from the DFT calculations. The density at the Fermi level is indicated by the white
circle. The diamond represents the experimental data from Hall effect measurements for the sample grown at pO2= 20µbar.
(d) Resistivity versus temperature curves for WO2.94 from the DFT calculations.
than the indirect gap in bulk δ-WO3 of 2.71 eV. This is
a consequence of the tensile strain present in the struc-
ture which stretches the planar bonds and reduces the t2g
bandwidth, as evidenced by the increased effective mass.
Even though the WO2.94 and WO2.88 structures have a
small optical gap at Γ of 75 meV and 150 meV, respec-
tively, they show metallic character in transport due to
the broader density of states in the orthogonal direction
(Fig. S8). With more excess charge the gaps and effec-
tive masses are progressively reduced, due to electronic
correlation and band filling effects, which cause a spread
in the bandwidth with respect to the empty conduction
bands of the undoped system. For lower vacancy concen-
tration, up to the limit of isolated point defect, instead,
the carrier density is expected to be reduced, leading to
the formation of an insulating state.
In order to theoretically estimate electron mobility and
resistivity in a wider range of vacancy concentrations, we
apply the Bloch-Boltzmann approach to mix the ab initio
band energies of the WO2.94 structure with a model de-
scription of the electron–phonon scattering [39, 40]. We
tune the Fermi level in a rigid band approximation to sim-
ulate the variation in the excess carrier density produced
by the vacancies. Results of three-dimensional averages
of mobility versus carrier density at 1.5 K are reported in
Fig. 4c. As a consequence of the increasing population
of high-energy t2g bands of WO3, the mobility increases
with the carrier density and, for 2 % vacancies, we find
n = 2.2× 1021 cm−3 and µ = 30 cm2 V−1 s−1 (white cir-
cle in Fig. 4c). In our oxygen deficient films, we measure
a Hall mobility µ = 0.5 cm2 V−1 s−1 (orange diamond in
Fig. 4c and raw data in Fig. S6) which, in our calcula-
tions, would be achieved for a considerably lower carrier
density n = 1× 1018 cm−3. By using the ab initio trans-
port coefficients, we calculate the corresponding resistiv-
ity versus temperature in Fig. 4d. At densities below
n = 1× 1019 cm−3 we observe an insulating transport
regime, for which only the energy-flat, lowest portion of
the defect state is populated, with vanishing band veloc-
ities. In this regime, the electrical transport is thermally
activated, similarly to what we measure experimentally.
Above n = 1× 1019 cm−3, an insulator-to-metal transi-
tion is observed in our calculations, but it is not achieved
experimentally. This is a clear indication that disorder in
6our thin films plays a crucial role in preventing occurrence
of an insulator-to-metal transition, consistently with the
experimental observation of a low electron mobility.
Several aspects of transport calculations are in good
agreement with the measurements. In particular, the
amplitude of resistivity versus temperature matches well
the experimental data, and the shallow temperature de-
pendence of the resistivity is experimentally verified for
most of the doped samples. Furthermore, the calcula-
tions show that an insulator-to-metal transition occurs
for ρ300K < 1× 10−2 Ω cm, a value consistent with our
experimental observations. On the other hand, there is
an offset between calculated and Hall charge densities
corresponding to the same mobility value, the former be-
ing two orders of magnitude lower. This discrepancy sug-
gests that a large portion of excess charge in the samples
may be scarcely mobile, possibly stuck in deep traps or in
highly localized polarons. The hypothesis of additional
charge in the samples coming from in-gap states is coher-
ent with the experimentally measured Arrhenius trend of
the resistivity.
CONCLUSIONS
In summary, we demonstrated that structural, electronic
and transport properties of WO3 thin films can be con-
trolled by changing the oxygen pressure during PLD
growth. The out-of-plane lattice constant of our thin
films increases up to 10 % as a consequence of the in-
troduction of oxygen defects, while a pseudocubic phase
of single crystal quality is maintained. Oxygen vacan-
cies act as electron donors and dope the material to-
wards a metallic state. Our VPSIC-DFT calculations
describe oxygen vacancies in strained WO3 films as a
weakly localized, shallow donors of t2g orbital charac-
ter, lying only a few tents of meV below the bulk-like
t2g mobility edge. According to our Bloch-Boltzmann
rigid-band calculations, full localization is only reached
for n < 1× 1019 cm−3, corresponding to an extremely
small 0.01 % vacancy concentration. While several as-
pects of the calculations are coherent with the measure-
ments, it is very likely that additional effects, like disor-
der and defect clusterization, can enhance charge local-
ization, thus shifting to higher values the vacancy con-
centration threshold which separate charge-localized and
delocalized regime. Our results represent a fundamental
step towards the understanding and engineering of a ma-
terial which is likely destined to become a rising star in
the energy and nanoelectronic applications of the future.
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8SUPPLEMENTARY INFORMATION
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80 μbar 100 μbar
WO3 target Sample
Plasma
plume
FIG. S1. Plasma plume of ablated WO3 at different oxygen pressures. Photographs of the PLD vacuum chamber,
showing the carousel of targets on the left (the WO3 target is facing backwards) and the sample holder on the right. The
sample (square) is heated from the back with an 800 nm continuous laser (saturating the camera). The pulsed laser radiation
(λ = 248 nm) enters the vacuum chamber from the bottom right and impinges on the rotating WO3 target, generating a plasma
plume directed perpendicularly towards the sample. At the lowest pO2the plume is barely visible, due to minimal scattering
of the ablated species with the background gas. With increasing pO2 , the plume becomes more intense and confined. At
pO2≥ 80µbar the plume almost completely vanishes in intensity before reaching the sample, indicating the occurrence of many
scattering events that ensure a high oxidation level of the material depositing on the substrate. This is consistent with our
experimental observations in Fig. 2 of the main text, and also explains the decreased WO3 thickness which is deposited at the
highest pO2values, since more scattering events reduce the amount of material reaching the sample.
95 μbar 10 μbar
20 μbar 40 μbar 50 μbar
60 μbar 80 μbar 100 μbar
SrTiO3 substrate
FIG. S2. Topography of the samples. Atomic force microscopy images (2 µm× 2 µm in size) show the surface of the SrTiO3
substrate and of WO3 films grown in different oxygen pressures. A flat morphology with single unit cell steps and terraces is
observed for all pressure conditions, with a minimum in surface roughness at pO2= 50 µbar (data in Fig. 1e of the main text).
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FIG. S3. Reciprocal space maps around SrTiO3 (103) diffraction peak. The WO3 films determine a peak (indicated
by the red arrows) which continuously changes from l ∼ 2.93 to l ∼ 3.17 with increasing pO2 . For all growth pressure the
WO3 films are coherently strained in-plane to the substrate lattice, as indicated by the identical alignment along the in-plane
direction h.
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FIG. S4. X-ray reflectivity of WO3 thin films. (a) Low-angle θ–2θ reflectivity measurements (circles) fit with a conventional
thin film reflectivity model (solid lines). (b) Film thickness and (c) interface roughness extracted from the fits.
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FIG. S5. Resistivity curves fit with Arrhenius and Mott variable range hopping. (a) The experimental curves are fit
with σ(T ) = 1/ρ(T ) = CArr exp(−TArr/T )+CVRH exp(−(TVRH/T )1/4) (black lines) from room temperature down to T = 10 K.
This is a typical trend for electrical transport in complex oxide semiconductors [Catalan, G. et al., Phys. Rev. B 62, 7892-7900
(2000)]. Good agreement with the experimental data is observed at all temperatures. (b) Separated contribution to the fit
of the Arrhenius term (dashed lines) and variable range hopping term (dotted lines). The main resistivity contribution at
T ≥ 150 K is provided by the Arrhenius term, justifying the analysis performed in Fig. 3 of the main text. (c) Arrhenius and
(d) variable range hopping scaling constants and (e), (f) corresponding temperature constants extracted from the fits. Note
that the activation energy discussed in the main text can be calculated as Ea = TArrkB, where kB is the Boltzmann constant.
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FIG. S6. Magnetotransport measurements of WO3 grown at 20 µbar. (a) Magnetoresistance and (b) Hall effect
curves measured at different temperatures (curves horizontally offset by 1 T for clarity). The magnetoresistance is defined as
MR = ρxx(B)−ρxx(0)
ρxx(0)
, where ρxx is the longitudinal resistivity. A small positive magnetoresistance is observed, which becomes
negligible above 30 K, and it is reminiscent of low-temperature localisation effects. The Hall effect is negative and linear,
indicating electron carriers, from which we extract (c) the three-dimensional carrier density and (d) the mobility. At the lowest
temperature we find n3D = 4× 1021 cm−3, corresponding to 0.25 electrons per WO3 formula unit. Both n3D and µ are almost
constant in the studied temperature range.
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Additional ab initio calculations
To validate our DFT results, we applied VPSIC to several WO3 bulk structures, for which an amount of experiments
and earlier calculations is available. As an example, for the triclinic δ-WO3, phase stable at room temperature, we
obtain an indirect band gap of 2.71 eV against a measured value of 2.75 eV [P.P. Gonza´lez-Borrero et al., APL 96,
061909 (2010)], while for the low-temperature monoclinic ε-WO3 we have Eg = 3.34 eV, which compares well with
Eg = 3.27 eV obtained with the accurate, but computationally demanding, GW approach [M.B. Johansson at al,
J. Phys. Cond. Mat. 25, 205502 (2013)]. A comprehensive review with results for WO3 by a variety of advanced
methods can be found in [F. Wang et al., J. Phys. Chem. C, 115, 8345–8353 (2011)].
We simulated growth on the SrTiO3 substrate by using pseudocubic supercells with the in-plane lattice constant
kept fixed at aSrTiO3 = 3.905 A˚, and the orthogonal axis free to relax. Concerning atomic positions, we started
the structural simulations from a hypothetical triclinic array with no symmetry imposed, and left all the atoms to
relax towards the energy minimum. Several supercell symmetries were considered, corresponding to different oxygen
vacancy concentrations and configurations. In Fig. S7 we show the atomic structure obtained for the pristine strained
film. Since the average lattice parameter in the δ-WO3 phase is a = 3.75 A˚ [P.M. Woodward et al., J. Phys. Chem.
Solids 56, 1305–1315 (1905)], we can estimate that the match with the substrate induces a linear tensile strain of
about 4 % in the film plane. To partially relieve the stress associated with the planar expansion, the film shrunk
longitudinally, with c = 3.685 A˚. Overall, the strained film displays a 6 % volume expansion with respect to the
δ-WO3 bulk phase. This value is compatible with the experimental lattice parameter of our most stoichiometric WO3
films c = 3.70 A˚, within the 1 % underestimation usually observed in DFT calculations [Van de Walle, A. et al., Phys.
Rev. B, 59(23), p.14992 (1999)], [Haas, P. et al., Phys. Rev. B 79(8), p.085104 (2009)].
Another remarkable difference with respect to the bulk is in octahedral tiltings: in the planes (Fig. S7a) the W−O
bonds are stretched out and the octahedral tiltings largely suppressed, with W−O−W angles of ∼175◦, on average.
In the orthogonal direction (Fig. S7b) the W−O bonds are more bulk-like, and the tiltings slightly larger (W−O−W
angles ∼168◦). The structure also displays octahedral distortions and shifts of W atoms from the octahedral centres,
which are also present in the triclinic phase. The overall tilting pattern is a–b– c– , like in δ-WO3 bulk.
x
y
x
z
a b
FIG. S7. Calculated structure for the WO3 film strained in the (x, y) plane to match the SrTiO3 substrate
lattice. (a) Film top view from the (x, y) plane and (b) side view in the growth direction from the (x, z) plane. Grey and red
balls are W and O atoms, respectively.
In Fig. S8 we show the calculated bands for the strained WO3 films. The bands of the vacancy-free structure are
visibly similar to that of the bulk δ-WO3 phase, with two significant differences. Firstly, Eg = 2.83 eV is slightly
larger than in bulk. Secondly, our calculations show that in bulk δ-WO3 the valence band at X is 3 meV higher than
at Γ, resulting in an indirect X→Γ band gap. For the strained film, instead, the valence band at Γ is 38 meV higher
than at X, thus the gap is direct at the Γ point. We note that the band-gap nature for WO3 at room temperature is
debated [M.B. Johansson at al, J. Phys. Cond. Mat. 25, 205502 (2013)], [F. Wang et al., J. Phys. Chem. C, 115,
8345–8353 (2011)], although the indirect gap hypothesis seems the most credited by experimental reports [H. Zheng
et al., Adv. Funct. Mater. 21, 2175–96 (2011)], [R. S. Vemuri et al., Appl. Mater. Interfaces, 4, 1371–1377 (2012)],
[D. G. Barton et al., J. Phys. Chem. B 103, 630–640 (1999)]. However, the flatness of the topmost valence band
segment between X and Γ suggests that minor structural differences in the sample could be sufficient to change the
band gap nature.
Let us see more in detail these results: for 4 % vacancies distributed in WO2 planes (Fig. S8b) the defect state
(in orange) is separated, at its energy-lowest Γ point, by an optical gap of about 150 meV from the t2g bottom. A
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FIG. S8. Band structure calculated for strained WO3 with and without oxygen vacancies. (a) Pristine WO3 and
with (b) 4 % vacancies with oxygens missing in the WO2 planes, (c) 2 % vacancies in apical position and (d) 2 % vacancies
in-plane. The donor state resulting from the oxygen vacancies is drawn in orange. Zero energy is fixed at the valence band
top (not shown) and the Fermi level of the neutral state is indicated by the green dashed lines. The k-points coordinates are
Γ = [0, 0, 0], X = [1/2, 0, 0], M = [1/2, 1/2, 0], R = [1/2, 1/2, 1/2] expressed in units of [pi/a, pi/a, pi/c], where a and c refer to
the single WO3 unit cell.
large band dispersion of the defect state is visible both in plane (see along X−M) and out of plane (along R−M),
indicating that vacancies separated by two lattice units are still affected by a fair amount of mutual interaction.
Overall the system is a semi-metal, that is optically insulating but metallic from the transport viewpoint. Notice a
significant detail: the broader bandwidth direction of the vacancy state is not along the cubic edge (Γ−X) but along
the diagonal X−M). This is a consequence of the t2g orbitals orientation, which do not point towards the nearest
oxygen atoms, but diagonally. In the attempt to further reduce the metallic character of the system, we tested two
arrays with 2 % vacancy concentration, one with vacancy in apical positions (Fig. S8c), another with vacancy in WO2
planes (Fig. S8d). In both cases the vacancy distance is doubled with respect to the 4 % concentration, resulting in a
substantial decrease of the bandwidth along the significant k-space direction (X−M for in-plane, and R−M for apical
configuration). For both cases the band bottom is still at Γ, with optical gaps equal to 120 meV and 75 meV for apical
and in-plane vacancies, respectively. Even at this lower vacancy concentration, however, the fully localized regime
is not reached. The calculated effective masses give a measure of the localization degree of the defect state: for the
in-plane vacancy state m∗ = 2.41me, while 1.01me in Γ−M and Γ−R directions, respectively. These values can be
compared with m∗ = 0.85me and 0.57me along the analogous directions for the lowest bulk-like t2g band. The defect
state is thus about 2–3 times less mobile than the states of the t2g conduction bottom. For the apical vacancy state,
we obtain m∗ = 1.17me and 1.25me along Γ−M and Γ−R, which are not much larger than the bulk-like t2g band
values m∗ = 0.86me and 0.74me in the corresponding k-space directions.
